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ABSTRACT 
Lower absorption, lower refractive index and tunable resistance are three advantages of 
doped silicon oxide containing nanocrystalline silicon grains (nc-SiOx) compared to doped 
microcrystalline silicon, for the use as p- and n-type layers in thin-film silicon solar cells. In this 
study we show how optical, electrical and microstructural properties of nc-SiOx layers depend on 
precursor gas ratios and we propose a growth model to explain the phase separation in such films 
into Si-rich and O-rich regions as visualized by energy-filtered transmission electron 
microscopy. 
 
INTRODUCTION 
The tandem configuration with a hydrogenated amorphous silicon (a-Si) top cell and a 
hydrogenated microcrystalline silicon (µc-Si) bottom cell, also called the Micromorph 
configuration is a promising candidate for future large scale deployment of photovoltaics for 
electricity generation due to abundant source materials and scalable and low-cost deposition 
processes. Hydrogenated silicon oxide containing nanocrystalline silicon grains (nc-SiOx) has 
attracted much interest in the last years because of different applications in thin-film silicon solar 
cells: First, p-type nc-SiOx is an excellent window and anti-reflection layer, due to lower 
absorption coefficient and lower refractive index when compared to p-type µc-Si layers [1]. 
Second, n-type nc-SiOx can be used as intermediate reflecting layer, when inserted between two 
sub-cells of a tandem configuration, allowing for advanced light-trapping schemes [2-5]. Third, 
tunable resistance of p- and n-type nc-SiOx can help to reduce the impacts of shunts on the 
electrical cell parameters [1, 6]. 
 
EXPERIMENTAL DETAILS 
The nc-SiOx layers are deposited at 200 °C from a gas mixture of SiH4, H2, and CO2 by 
plasma enhanced chemical vapor deposition, and p- and n-type doping is achieved by adding 
B(CH3)3 and PH3, respectively. Fourier Transform Infrared (FTIR) absorption measurements are 
performed with a Nicolet 8700 system from Thermo on samples deposited on silicon wafers and 
absorption spectra are normalized with the layer thickness. Rutherford backscattering (RBS) and 
hydrogen forward scattering (HFS) measurements to determine Si, O, and H contents are carried 
out by the Evans Analytical Group. The density is deduced from X-ray reflectometry performed 
with synchrotron radiation at the PTB four-crystal monochromator beamline at BESSY II [7]. 
The absorption coefficient (α) and refractive index (n) are determined from fitting spectroscopic 
ellipsometry measurements to a Tauc-Lorentz dispersion model including a surface roughness 
layer. Two aluminum contacts are evaporated onto the samples, in order to measure the electrical 
in-plane dark conductivity (σ) after 90 minutes annealing at 180 °C in vacuum. The crystalline 
fraction of the Si-rich phase (hence not taking into account the O-rich phase) is evaluated by 
Raman spectroscopy [8]. 
 
RESULTS AND DISCUSSION 
Figure 1a shows infrared absorption peak of Si-O-Si stretching mode at 1050 cm-1 [9, 10], 
which is increasing with increasing CO2/SiH4 precursor gas ratio due to increased oxygen 
content in the nc-SiOx films. From this absorption peak one can estimate the oxygen content and 
we found the best correlation to RBS measurements when using the proportionality constant 
ASiO = 1.48·1019 cm-2 proposed by He et al. [11]. Figure 1b demonstrates that oxygen 
incorporation is also enhanced by increasing H2 source gas dilution. To explain this effect, 
Iftiquar et al. [10] argue that in the plasma, atomic hydrogen inhibits the backward reaction of 
CO + O → CO2 by forming OH. Because highly reactive and electronegative O hardly leaves the 
plasma it is speculated that oxygen mainly reaches the growing nc-SiOx film in the form of OH. 
In this context it is interesting to note that the hydrogen content does not correlate with H2 
dilution in the plasma but shows a correlation to silicon content of the nc-SiOx films which can 
be explained by free energy models predicting that H in SiOx films will be only bound to Si with 
an absence of O-H bounds [12]. 
 
 
Figure 1. a) Infrared absorption peak of Si-O-Si stretching mode at 1050 cm-1 of 100 nm thick 
nc-SiOx layers. b) Silicon, oxygen and hydrogen content measured by RBS and HFS for different 
source gas ratios and oxygen content calculated from FTIR measurements for comparison. 
 
Figure 2a shows dark conductivity (σ), silicon crystalline fraction (Si Rc) and absorption 
coefficient (α) of p- and n-type nc-SiOx layers as a function of CO2/SiH4 gas flow ratio. In this 
experiment, the H2-dilution is set to 200 for p-type layers and 100 for the n-type layers, because 
in the p-i-n configuration of µc-Si cells it is common to use higher H2 dilution for the p-layer 
because it grows on a ZnO substrate, with longer incubation phase compared to n-layer which 
grows directly on a µc-Si layer, favoring the growth of microcrystalline material. For both p- and 
n-type layers, the dark in-plane conductivity is around 10 S·cm-1 for an oxygen free sample, and 
decreases rapidly with higher CO2/SiH4 gas ratio, due to an increasing amount of oxygen 
incorporated in the nc-SiOx film. Furthermore, increasing CO2/SiH4 gas ratio reduces the Raman 
crystalline fraction of the Si-rich phase in the nc-SiOx layers, and decreases the optical 
absorption coefficient α. Figure 2b shows the results obtained for different doping 
concentrations, ranging from 0 ‰ to 50 ‰, with a constant CO2/SiH4 gas ratio of 0.5. p-type 
doping with trimethylboron (TMB) rapidly reduces the crystalline fraction of the silicon phase, 
and a maximum dark conductivity is obtained at TMB/SiH4 = 8 ‰. This is different for n-type 
doping with PH3, where dark conductivity is continuously increasing with increasing doping gas 
concentration as phosporous does not reduce the crystalline fraction of the silicon phase. This 
amorphizing effect of TMB limits the oxygen content in nc-SiOx films to x~0.5 before the films 
become too resistive to be used in thin-film silicon solar cells. For n-type nc-SiOx layers, where 
high phosphorous doping concentrations can partially make up for lower conductivity due to 
oxygen incorporation, we achieved nc-SiOx films with x~1 which have still a transverse 
conductivity high enough for the use in thin-film silicon solar cells. 
 
 
 
Figure 2. Evolution of dark conductivity (σ), silicon Raman crystalline fraction (Si Rc) and 
absorption coefficient (α) of p- and n-type nc-SiOx layers deposited with different CO2/SiH4 gas 
ratios (a) and doping concentrations (b). 
 
Figure 3a shows the decrease in dark conductivity due to air exposure of two nc-SiOx layers 
with different oxygen contents. The initial conductivity can be recovered by annealing the 
samples during 90 minutes at 180° in vacuum. Water vapor penetrating into nano-pores of 
nc-SiOx films is believed to be the major reason for this reversible in-plane conductivity 
degradation. Figure 3b shows X-ray reflectometry measurements revealing a lower critical angle 
for nc-SiOx than for a-Si suggesting a lower density [13] and strengthening the hypothesis of 
nano-scale porosity in nc-SiOx layers. 
 
Figure 3. a) Decreasing dark conductivity due to air exposure of two different 100 nm thick nc-
SiOx layers. b) X-ray reflectometry measurements at 3500 eV (far away from the Si absorption 
edge) indicating significantly less dense material for nc-SiOx when compared to a-Si material.  
 
Figure 4 shows the nanostructure of the nc-SiOx layer as visualized in plan-view by energy-
filtered transmission electron microscopy (Si-rich phase = white; O-rich phase = dark). The 
image is obtained using electrons from a 4 eV window over the plasmon peak of silicon at 
~17.5 eV, after removal of the background contribution from the plasmon peak of SiO214. While 
layers produced with low H2 dilution appear as homogenous SiOx mixture (Figure 4a), this 
technique reveals a pronounced phase separation on the nanometer scale into Si-rich regions 
surrounded by an O-rich material for samples that have been produced with a high H2 dilution 
(Figure 4b-c). The difference in silicon particle sizes between sample b and c is due to the 
different silicon content of the nc-SiOx films. It is interesting to note that the homogenous 
SiOx~1.4 (sample a) and the phase-separated nc-SiOx~1 (sample b), both have a refractive index of 
~ 1.8 but different SiOx stoichiometry, which could be due to the increased nano-porosity in 
nc-SiOx samples with phase separation.  
  
 
Figure 4. Plan-view phase separation visualized by energy-filtered transmission electron 
microscopy (Si phase = white) in 50-70 nm thick nc-SiOx layers produced with different 
CO2/SiH4/H2 gas ratios. 
 
Mixed-phase nc-SiOx films have been studied previously, but the energetically favorable 
phase separation is usually obtained after high-temperature annealing of initially homogenous 
SiOx films [14-16]. In our case, we show that the phase separation is also possible at low 
substrate temperatures of 200 °C, if produced with highly H2 diluted plasmas. This growth 
mechanism can be explained with the surface diffusion model [17], as developed for mixed-
phase a-Si/µc-Si films. For low H2 dilution all the Si and O atoms arriving from the plasma stick 
to the surface leading to a homogenous SiOx film (Figure 5a), whereas high H2 dilution enables 
phase-separation by increasing adatom mobility via surface heating and passivation of surface 
dangling bonds (Figure 5b). 
a    b  
 
Figure 5. Surface diffusion model [17] with low adatom mobility in the case of low H2 dilution 
leading to homogenous SiOx material (a) and high adatom mobility due to surface heating and 
H-bonding of surface dangling bonds in the case of high H2 dilution leading to Si/SiO2 mixed-
phase structure (b). 
 
CONCLUSIONS 
In this contribution we have related precursor gas ratios to optical, electrical and 
microstructural characteristics of nc-SiOx films. We evidenced a possible nano-porosity in these 
films which makes them sensitive to air exposure. With energy-filtered transmission electron 
microscopy we demonstrated a phase separation within nc-SiOx films into Si-rich and O-rich 
regions. H2 source gas dilution has been identified as a key parameter for the phase separation, 
whereas the size of the Si-rich regions depends mostly on the silicon content in nc-SiOx films. To 
explain the phase-separation we used a modified surface diffusion model, originally developed 
for mixed-phase a-Si/µc-Si materials.  
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